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’ INTRODUCTION

9 The ease in processability of synthetic polymers has led to
10 their fast growth as commodity as well as engineering plastic,
11 whereas the latter are used in case of demanding applications.
12 Among several, the most well-studied polymer is probably
13 polyethylene. This polymer, based on a simple�(CH2�CH2)�
14 repeating unit, can be used for day-to-day applications as well as
15 for more challenging duties such as prostheses, soft and hard
16 ballistics, light weighted ropes, etc. The wide range of physical
17 and mechanical properties is accessible due to fine control of the
18 molecular architecture, coming from the better understanding of
19 polymer synthesis. The development of a material with the
20 desired properties requires the combination of several disciplines
21 in science, including chemistry, physics, rheology, and proces-
22 sing. It is recognized that, for linear polyethylene, virtually free of
23 chain branching, the physical properties such as wear, abrasion
24 resistance, and impact strength enhance with increasing molar
25 mass. However, the material becomes more difficult to process
26 because the zero shear viscosity follows the well-known power
27 law η0 � M3.4, thus making the polymer having weight-average
28 molar mass greater than 1 million g/mol nearly impossible
29 to process via the conventional processing route.1,2 The cause
30 for the increase in viscosity, when increasing the molar mass of
31 the polymer, is related to the increasing number of physical
32 entanglement (friction points due to contact of chain segments)
33 as the molar mass between the entanglement, Me, is considered
34 to be a constant for a given polymer. For example, in the case
35 of linear polyethylene, the molar mass between entanglement is
36 ∼1200 g/mol.3

37 The number of entanglement per chain can be effectively
38 suppressed by dissolution of the polymer in a suitable solvent. In
39 dilute solutions, below the so-called overlap concentration Φ*,
40 the number of entanglement per chain can be reduced consider-
41 ably.4 In the case of crystallizable polymers, such as linear
42 polyethylene, the reduced entanglement density in the solution
43 can be made permanent since the long chain molecules form
44 folded-chain crystals on cooling where entanglement reside in
45 the amorphous phase, a well-studied phenomenon in polymer
46 physics.5,6 The reduction of entanglement in the amorphous
47 region of the semicrystalline polymer favor the postdrawing
48 process.7 Following these concepts, the existing commercial
49 route has been adopted to develop high-modulus high-strength

50fibers, where dissolution of less than 6 wt % of the ultrahigh
51molecular weight polymer in a high boiling point solvent such as
52decalin8 is required. Prior to removal of the 94 wt % of the
53solvent, the solution is cooled for crystallization. The disen-
54tangled solid state thus achieved is used for its ease in drawability
55to make high-modulus high-strength fibers. However, on heating
56the solution crystallized polymer, the disentangled chains tend to
57re-entangle, erasing the disentangled state.9,10

58Amore elegant and also technologicallymore advanced way to
59generate disentangled linear polyethylene crystals is via direct
60polymerization in the reactor.11�13 At low polymerization tem-
61peratures and low catalyst activity/concentration, individual
62growing chains will form their own folded chain crystals. In the
63limiting case where the growing chains are separated far enough
64from each other, ultimately monomolecular crystals can be
65formed. If completely disentangled PE structures can be obtained
66via solution-crystallization and/or via direct controlled synthesis,
67the intriguing question is whether this disentangled state will be
68preserved upon melting and what is the time scale to generate a
69fully entangled equilibrium polymer melt. Some of these funda-
70mental questions have been addressed previously.14�18

71The deformation behavior in the solid-state processing (free
72of solvent), either uniaxial or biaxial, is likely to be strongly
73dependent on the topological constraints that are established in
74the amorphous region of the polymer. Thus, in this publication
75with the help of solid-state NMR studies we have followed
76differences between the amorphous regions of the nascent
77entangled and the nascent disentangled polyethylenes synthe-
78sized via the conventional Ziegler�Natta (Z�N) and the direct
79controlled synthesis, respectively. Uniaxial and biaxial deforma-
80tion aspects of the disentangled polyethylene have been com-
81pared with the entangled polyethylene. Resultant properties of
82the two materials against the draw ratio have been investigated.
83Crystallinity measurements and the resultant tensile properties in
84the drawn tapes have been investigated by solid-state NMR.With
85the help of X-ray diffraction studies, the cause of the high
86modulus in the solid-state processed materials has been com-
87pared with the polyethylene processed via the solution route.
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88 In the conventional synthesis of the UHMWPE heteroge-
89 neous Z�N catalysts are used, mainly in the slurry phase, where
90 the catalyst is dispersed in a solvent and the polymerization
91 conditions such as temperature, pressure, and catalyst concen-
92 tration are tuned for maximum yield.19 The polymer thus
93 obtained from the spatially close catalytic sites normally pos-
94 sesses a broad molar mass distribution greater than 6, and it is in
95 the equilibrium entangled state. Since the discovery of homo-
96 geneous, single-site catalysts based on organometallic com-
97 plexes of group IV metals, it has been possible to achieve a finer
98 control over the molecular architecture of the polymer
99 produced.20 For polymerization purposes the homogeneous
100 catalyst is dissolved in a suitable solvent (usually toluene) and
101 activated with a cocatalyst (usually an alkylaluminum species),
102 prior to its transfer in the polymerization reactor containing the
103 (same) solvent saturated with ethylene at the desired partial
104 pressure.21 A very desirable feature of this class of catalyst is the
105 uniformity of the active sites that result in a narrow molecular
106 weight distribution of the obtained polymer (typically around
107 2), in contrast with the broad distribution typical of hetero-
108 geneous catalysts. When the polymerization rate of such a
109 catalyst is considerably higher than the rate of any termination
110 process, it is possible to achieve polymers of high molecular
111 weight: in some particular cases, the incidence of termination
112 processes can be so low that the polymerization is considered to
113 be “living” in the time scale of the experiment. A number of
114 catalysts having such characteristics have appeared in the
115 literature: for example, since 2000, Fujita and co-workers22

116 have extensively published on a series of complexes based on
117 group IV metals bearing bis(phenoxyimine) type ligands
118 (generally indicated as FI catalysts). These complexes, when
119 activated with a suitable cocatalyst (the most common of which
120 is methylaluminoxane, MAO), can produce a variety of poly-
121 olefin architectures depending on the metal/ligand pair chosen.
122 In particular, the complex depicted in the inset of Figure 1F1 a,23

123 when activated with MAO, can produce polyethylene of
124 number-average molar mass Mn 412 � 103 g/mol with high
125 activity in very mild conditions (1 bar partial pressure of
126 ethylene and room temperature) in as low as 1 min reaction.
127 According to Fujita et al., this catalytic system is also living for
128 at least 30 min in the same conditions. These characteristics
129 make it an ideal candidate for the synthesis of disentangled
130 UHMWPE directly from polymerization. The main conditions
131 required to reduce the number of entanglements during the
132 reaction itself are (i) low polymerization temperature, so that
133 the crystallization rate is faster than the polymerization rate, and
134 (ii) low concentrations of active sites, to minimize the interac-
135 tion of the growing chains.
136 In this Communication we address mechanical properties of
137 the disentangled polyethylene, synthesized using the catalytic
138 system, and processed below its melting point both along the
139 uniaxial and the biaxial directions to make tapes and films.

140 ’EXPERIMENTAL METHODS

141 Materials. All manipulations of air- and moisture-sensitive
142 compounds were performed under a nitrogen or argon atmo-
143 sphere using standard high-vacuum Schlenk techniques or in a
144 glovebox. Toluene (99.8%, anhydrous) and methylaluminoxane
145 (MAO, 10 wt % solution in toluene) were purchased from
146 Aldrich, ethylene (grade 3.0) was purchased from BOC, and
147 FI precatalyst (reported in Figure 1) was purchased from

148MCat. All reagents were used as received. Commercial samples
149of (entangled) ultrahigh molecular weight polyethylene were
150synthesized using Z�N catalyst. Solution spun fibers are ob-
151tained from the commercial source, Dyneema SK75.
152Synthesis of Disentangled UHMWPE. A wall-mounted, 10 L
153jacketed Pyrex reactor was equipped with a double plane pro-
154peller blade mechanical stirrer, a temperature probe, a gas inlet/
155outlet, and a rubber septum for catalyst injection. The reactor was
156kept overnight at 125 �C, and then the temperature was brought
157to room temperature while the vessel was purged with three
158cycles of vacuum/nitrogen. The required amount of toluene
159(5 L) was transferred under a nitrogen gas stream into the
160vessel, and the temperature was set to the desired value (10 �C)
161by means of a thermostat. When the desired temperature was
162reached, the stream of gas was switched from nitrogen to
163ethylene. Ethylene uptake was controlled by means of a Buchi
164press flow gas controller bpc 6002. When the solution was
165saturated with ethylene at the desired partial pressure (1 bar
166ethylene), MAO (50 mL) was added, followed by a solution of
167the catalyst (50 mg) in toluene + MAO to start the polymeriza-
168tion. The reaction was carried on for the required time (1 h)
169under vigorous stirring and constant feed of ethylene and then
170quenched by addition of acidified methanol (CH3OH/HCl
17195/5 v/v). The polymer was filtered out, washed with additional
172methanol, and oven-dried under vacuum at 40 �C for one night.
173Scanning Electron Micrographs. SEM investigations on
174morphologies of nascent reactor powders were carried out with
175a high-resolution FEG SEM (Carl Zeiss Leo 1530 VP) operated
176at 5 kV. As-polymerized particles were carefully deposited on
177SEM stabs, and the samples were coated with gold by a sputtering
178technique.
179Polymer Processing of Nascent Disentangled and En-
180tangled Powders. A general procedure for the preparation of
181tapes is as follows: 25 g of polymer powder is poured into a mold
182with a cavity of 620 mm in length and 30 mm in width and
183compression-molded at 130 bar for 10 min to form a sheet. The
184sheet is preheated for at least 1 min and rolled with a Collin
185calander (diameter rolls: 250 mm, slit distance 0.15 mm, inlet
186speed 0.5 m/min). The tape is immediately stretched on a roll
187(speed 2.5 m/min). The rolled and stretched tape is further
188stretched in two steps on a 50 cm long oil heated hot plate. The
189tape comes in contact with the hot plate after 20 cm from the
190entrance of the hot plate. The draw ratio is obtained by dividing
191specific weight of the sheet prior to deformation by the specific
192weight of the tape after stretching. Typical processing tempera-
193tures of entangled PE (ePE) and disentangled PE (dPE) are
194given in Table 1 T1.
195Tensile Testing. Tensile properties are measured using an
196Instron 5566 tensile tester at room temperature (25 �C). To
197avoid any slippage, the side action grip clamps with flat jaw faces
198are used. The nominal gauge length of the specimen is 100 mm,
199and the test is performed at a constant rate of extension (cross-
200head travel rate) 50 mm/min. The breaking tenacity (or tensile
201strength) and modulus (segment between 0.3 and 0.4 N/tex)
202are determined from the force against displacement between
203the jaws.
204X-ray Diffraction Studies. For the measurements a Bruker
205D8 diffractometer in θ/2θ geometry is employed. The D8 is
206equipped with parallel beam optics, scintillation detector, and
207autochanger. The optics consists of a primary 60 mm G€obel
208focusing mirror (a parabolic Ni/C multilayer device) providing
209Cu KR radiation (KR wavelength = 1.5418 Å�) and 0.12� Soller
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210 slits. Generator setting was kept at 40 kV and 35 mA. The
211 specimen (tape, film, or sheet) is mounted on a sample holder
212 with double-sided mounting tape. The standard D8 sample
213 holder is subsequently placed into the D8 diffractometer in
214 reflection geometry (with normal of the tape perpendicular to
215 the goniometer and the sample holder). The scan range for the
216 diffraction pattern is from 5� to 40� (2θ) with a step size of 0.02�
217 (2θ) and a counting time of 2 s per step. The sample holder spins
218 during the measurement with 15 rpm around the normal of the
219 tape. For determination of the crystal plane orientation the peak
220 area of the 110 and 200 reflections is determined by a standard
221 profile fitting routine. The crystal plane orientation (CPO)
222 parameter is defined as the ratio between the determined 200
223 and 110 peak areas. For the measurements carried out in the

224reflection geometry, the ratio between the 200 and 110 peak
225areas for a specimenwith randomly oriented crystallites is around
2260.3, but for solid state drawn polyethylene tape samples the 200
227planes are preferentially oriented parallel to the film surface,
228resulting in a higher value of the 200/110 peak area ratio.
229Orientation in the fiber filaments is measured by mounting the
230filament on goniometer in transmission mode.
231Dynamic NMR. All solid-state NMR studies are performed on
232a Bruker DSX spectrometer operating at 500 MHz 1H Lamor
233frequency. Advanced NMR recoupling techniques correlating
234isotropic chemical shifts under magic angle spinning (MAS) with
235motionally averaged 1H�13C heteronuclear dipole�dipole
236couplings are used to study the local chain dynamics in the
237samples. The 2.5 mm MAS double resonance probe is used to

Figure 1. Morphological and molecular distinction in the nascent UHMWPE polymers, as obtained after synthesis. (a) A comparison of scanning
electron micrographs obtained on UHMWPE samples synthesized using homogeneous (left) and heterogeneous (right) catalysts. (b) Morphological
differences depicted in (a) can be realized at the segmental level by following the diffusion of methylene units of linear polyethylene from amorphous to
crystalline regions. Such a possibility is realized by making judicious choice of pulse sequences in solid-state NMR studies. The cartoon depicts excursion
of methylene sequences from amorphous to crystalline region. Exchange process as a function of exchange time has been measured in the disentangled
and entangled samples of UHMWPE. The table provides a snapshot in the polarization of crystal due to motion of methylene sequences from
amorphous to crystalline region after 36 s. The differences in polarization are attributed to the distinction in the two morphologies of the nascent
powders of UHMWPE.
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238 study the chain diffusion between noncrystalline and crystalline
239 regions based on 13C exchange type experiment under MAS
240 at 6kHz. The 90� pulse length in the 2.5 mmMAS is adjusted to
241 2.5 μs on both channels. All experiments are performed at 50 �C.

242 ’RESULTS AND DISCUSSION

243 Because of the living polymerization behavior of the chosen
244 catalytic system, it has been possible to synthesize polymers of
245 different weight-average molar masses ranging from 2 million to
246 9 million g/mol. For the studies performed in this publication,
247 the disentangled polyethylene having a number-average molar
248 mass greater than 1 million g/mol and weight-average molar
249 mass around 2.8 million g/mol has been used. The molar mass
250 and molar mass distributions have been determined via rheolo-
251 gical studies, according to the method reported elsewhere.24

252 Following the method described from Klimke,25 the absence
253 of chain branching up to 104 carbon atoms is confirmed. These
254 findings are along the anticipated absence of chain branching in
255 polyethylenes synthesized using the FI catalyst.
256 A typical morphology obtained following the homogeneous
257 synthesis route as viewed by scanning electron microscopy on
258 the nascent polymer obtained after polymerization is shown in
259 Figure 1a. The aggregate platelets having 20 nm thickness and
260 surface area of several micrometers are in accordance with the
261 dimensions for the single crystals of linear polyethylene. Con-
262 sidering the weight-average molar mass and molar mass distribu-
263 tion of this sample,∼2.8 million g/mol and 3.0, respectively, it is
264 fascinating to anticipate that a chain comprising 200 000 CH2

265 units on average, having an end-to-end stretched chain distance
266 of ∼25 000 nm, tends to fold back and forth 1250 times within
267 the crystal thickness of 20 nm. Morphology of commercial
268 sample (entangled), obtained with heterogeneous Z�N catalyst,
269 does not show the presence of single platelets as observed in the
270 sample obtained with the homogeneous catalyst. Distinct differ-
271 ences in the two morphologies imply loose packing of platelike
272 crystals, having an average thickness of ∼20 nm, in the powder
273 obtained from homogeneous synthesis compared to the dense
274 aggregate of crystals seen in the sample synthesized using the
275 heterogeneous catalyst. Platelets of crystals obtained from homo-
276 geneous catalyst could be compressed and drawn in the solid
277 state, in both the uniaxial and biaxial direction, in a broad
278 temperature window ranging between 120 and 145 �C. The
279 dense polymer obtained from heterogeneous catalyst could be
280 drawn in a narrow temperature window of 2�3 �C near 142 �C,
281 along uniaxial direction only. The unique morphology of the
282 polymer obtained from the homogeneous catalytic system is
283 suggestive of loose packing of single crystals in disentangled
284 UHMWPE.
285 Distinction in the morphologies of the disentangled and
286 entangled at the molecular level could be probed with the help
287 of dynamic solid-state NMR (Figure 1b). Such studies performed
288 on the nascent crystals of both disentangled and entangled

289UHMWPE, where the relaxation processes in the amorphous
290and the crystalline regions could be decoupled by making judi-
291cious choice of the pulse sequences, show fast exchange process
292of segments from amorphous to crystalline regions. The differ-
293ence between the two samples lies in the rate of exchange process
294of methylene units from amorphous to crystalline state. For an
295example after 36 s, the crystal of the disentangled UHMWPE
296gains polarization by 82% compared to 46% polarization gained
297by the entangled UHMWPE, thus suggesting faster exchange
298process in the disentangled sample compared to the entangled
299sample. These observations are along the lines of experiments
300performed on the solution crystallized UHMWPE where the
301disentangled state is achieved by dissolution of less than 2 wt % of
302UHMWPE in 98 wt % of decalin.26

303Thermal scans of both nascent polymers, disentangled and
304entangled, during first heating show a melting peak at 142 �C,
305whereas on second heating the two samples now crystallized
306from melt show a decrease in the melting temperature by 6 �C.
307Considering the similarity in the crystal thicknesses of the
308nascent and the melt crystallized samples, both ∼20 nm along
309the chain direction, the difference in the melting temperatures
310cannot be simply explained by the Gibbs�Thomson equation
311which takes into consideration crystal thickness only. The
312difference in the melting temperatures is explained by invoking
313the melting kinetics that differs between the entangled and the
314disentangled nascent polymers; for details see refs 16 and 18. The
315restricted chain motion in the amorphous region of the nascent
316polymer causes an increase in the apparent chain length, greater
317than the crystal thickness that needs to adopt the random coil
318state on melting. These findings are further strengthened on
319considering differences in the chain mobility of the amorphous
320regions of the two nascent samples and melt-crystallized samples
321as evident from the solid-state NMR studies.27

322Rheological studies performed on the entangled and disen-
323tangled nascent polymer are shown in Figure 4 of ref 18. To
324recall, the increase in the storage modulus of the disentangled
325nascent polymer melt suggests entanglements formation with
326time. On the contrary, no significant increase in modulus is
327observed on melting of the entangled polymer independent of
328the rate at which the polymer is heated from solid to melt state.
329The combined NMR, DSC, and rheological studies confirm
330the disentangled nature of the samples synthesized using homo-
331geneous catalyst, thus invoking the possibility of the solid-state,
332solvent-free, processing along the uniaxial and biaxial directions.
333Such a possibility was already anticipated by Kanamoto and
334Porter.28�31 These authors made several attempts to process
335polyethylene samples synthesized under controlled conditions.
336However, due to the restricted processing temperature window
337of 2�3 �C in the vicinity of melting point and the presence of air
338voids in the compressed films, the modulus (107 GPa) and
339strength (1.4 GPa) of the tapes obtained by Kanamoto and
340Porter for the maximum draw ratio of 77 times were much lower
341than those reported for the fibers obtained via the solution
342spinning route. Rotzinger, Chanzy, and Smith32 followed the
343concepts of controlled synthesis where polymerization tempera-
344ture was maintained at �40 �C and ethylene pressure below
345atmospheric pressure. Catalyst used for the synthesis was a Z�N
346type catalyst based on vanadium. The polymer produced by this
347synthesis route was limited in amount, and thus the reported
348experimental findings were limited. However, the potential
349to achieve mechanical properties equivalent to solution-spun
350route could be shown. Because of difficulties in synthesis and

Table 1. Processing Temperatures and Solid-State Extrusion
of UHMWPE

operation processing parameter dPE ePE

compression molding T mold, �C 129 136

rolling T preheated, �C 125 138

T calander, �C 130 145

stretching T hot plate, �C 139 154
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351 processing, the solid-state processing route was not pursued
352 further, and for more than a decade it has been a subject of some
353 academic interest only.
354 The synthesis route applied in this study is able to provide
355 control over the molecular weight and molecular weight dis-
356 tribution while maintaining the high activity of the catalyst. Such
357 a possibility leads to the synthesis of sufficiently large amount of
358 the polymer to perform a series of experiments. For solid-state
359 processing of the disentangled polyethylene below its equilibri-
360 um melting point, the powder is compressed at 120 �C into a
361 strip of 0.2 cm thickness and 70 cm length. After compression,
362 the density of the strip is measured to be 0.98 g/cm3. The
363 compressed strip is rolled and stretched at 130 �C by nearly 4
364 times. The compressed, rolled, and stretched film is subjected to
365 three consecutive stretches at 135, 140, and 145 �C by draw
366 ratios of 20, 60, and 180, thus leading to an ultimate draw ratio of
367 more than 180. To avoid any influence of slippage in determina-
368 tion of the draw ratio during solid-state deformation, the quoted
369 draw ratios are measured as mass/length before and after
370 deformation. It should be realized that the melting temperature
371 of the constrained oriented tapes having extended chains in-
372 creases from 142 to 150 �C. Thus, all the drawing steps have been
373 performed below the melting temperature in a broad tempera-
374 ture window of more than 20 �C. At each drawing step the tensile
375 strength and modulus of the tapes are measured. Gradual
376 increase in the modulus and strength at each drawing step is
377 observed. The variation in modulus and strength with drawing
378 ratio has been depicted in Figure 2F2 . The draw ratio is determined
379 by measuring mass/length of the sample prior and after the
380 deformation. The appearance of neck formation during deforma-
381 tion and the near absence of strain hardening confirm the
382 disentangled nature of the crystals of polyethylene obtained with
383 the homogeneous catalyst. To avoid complexity arising due to air
384 voids between fibrils in tapes, modulus and tensile strength are
385 measured in N/tex.
386 On the contrary to the disentangled UHMWPE synthesized
387 using the homogeneous catalyst, the entangled sample (syn-
388 thesized in laboratory scale or obtained commercially) can be
389 processed only in a narrow temperature window of 2�3 �C in the
390 vicinity of melting temperature. Figure 2 shows that the en-
391 tangled sample has similar modulus but distinctly lower tensile
392 strength compared to the disentangled polymer. However, with
393 advances made in polymer synthesis and control over drawing
394 temperature, compared to the earlier studies,31 it has been now
395 possible to achieve higher tensile strength and modulus in the
396 entangled commercial samples. The experiments on some of the
397 commercial samples have been performed in our laboratories,
398 and details are provided in ref 33.
399 Films having bulk density of 0.98 g/cm3 obtained after
400 compression of the nascent disentangled and entangled samples
401 were stretched on a preheated hot plate. From Figure 2 it is
402 apparent that tensile strength to break, i.e. tenacity, increases
403 with stretching of the polymers. For the same draw ratio, as
404 measured by change in mass with deformation, tenacity of the
405 disentangled sample is considerably higher than the entangled
406 sample. For the draw ratio of nearly 200, maximum tenacity
407 achieved in the entangled sample is 2.3 N/tex compared to 3.8
408 N/tex for the disentangled sample. For the maximum draw ratio
409 of 200, modulus of the disentangled polymer is closer to 200 N/
410 tex compared to 150 N/tex for the entangled sample. The
411 maximum tensile strength and modulus of the solution-spun
412 fibers are 3.5 and 135 N/tex, respectively, as measured on

413Dyneema SK75 at 25 �C in our laboratory (see Supporting
414Information), whereas the reported values in the literature for
415solution spinning of 1 wt % of the polymer, in 99 wt % of the
416solvent, are 120 and 3.2 GPa for tensile modulus and tensile
417strength, respectively.34 It is to be noted that in solution spinning
418modulus, strength, and draw ratio are strongly dependent on
419polymer concentration in solution and weight- and number-
420average molar mass of the polymer.4,7 On the contrary, the
421controlled synthesis route adopted for solid-state processing
422reduces the entanglement density with increasing molar mass,
423thus making processability of the disentangled ultrahigh molar
424mass polymer easier.35

425The described method for determining modulus and strength
426of tapes is also applied to solution-spun high grade fiber,
427commercially available in the market. For our purpose we have

Figure 2. Increase in tensile strength (tenacity) and modulus with
increasing draw ratio. Figure below shows variation in modulus with
increasing draw ratio. For the bulk density of 0.98 g/cm3, 1.0 N/tex =
0.98 GPa.
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428 made use of Dyneema SK75 grade over the SK78 grade because
429 of its higher modulus and tensile strength. For comparison on
430 mechanical properties between the two commercially available
431 fibers, Dyneema SK75 and SK78, and the data reported in
432 literature on the solution-spun fibers at laboratory scale see the
433 Supporting Information and refs 4, 7, 9, 10, 12, 32, and 34. The
434 modulus and strength of the commercially available solution-
435 spun fiber, SK75, are the highest among the solution-spun fibers
436 and are in the region of 135 and 3.5 GPa, respectively. On
437 comparing Figure 2 with themodulus and strength of the fibers, it
438 is apparent that the tensile strength of the solution-spun fiber
439 matches with the disentangled tape obtained via the solvent-free
440 route. However, modulus of both tapes, disentangled as well as
441 entangled, outperforms that of the solution-spun fiber. To under-
442 stand cause for the highermodulus of the tape over the fiber, X-ray
443 diffraction and solid-state NMR studies are performed.
444 On crystallization, from solution or melt, linear polyethylene
445 chains pack in the orthorhombic unit cell. Depending on the
446 distribution of the crystalline units in the three-dimensional
447 plane, intensities of the crystal reflections vary. For example, in
448 isotropic distributed crystalline units, the intensity ratio between
449 the two most intense reflections 200/110 determined theoreti-
450 cally is 0.3.36 The intensity ratio changes with the preferred
451 orientation of the crystallites and thus could be a signature to
452 provide information on crystal plane orientation (CPO). The
453 three different possibilities that can arise and would cause
454 changes in the intensity ratio are depicted in Figure 3F3 . From
455 such studies it could be concluded that the polymer prior to
456 compression, as obtained from the reactor, shows isotropic dis-
457 tribution of crystalline planes; thus, the intensity ratio of 200/110
458 reflection matches the theoretical value of 0.3. For the X-ray
459 beam size of 100 μm, the commercially available fiber spun from

460solution shows preferred orientation of the crystallites along the
461chain axis, but random distribution of the crystallite planes (hk0),
462thus resulting in the intensity ratio of 200/110 reflections 0.3.
463On the contrary, tapes as obtained from the disentangled and en-
464tangled polyethylenes for the same X-ray beam size (in reflection
465mode) show increase in the intensity ratio of 200/110 reflections
466that increases with draw ratio and the corresponding tensile
467modulus (Figure 2), thus suggesting preferred orientation of the
468crystalline planes in the tapes as summarized in Figure 3. X-ray
469diffraction patterns are recorded on the samples mounted on a
470goniometer having draw direction perpendicular to the rotation
471axis. To avoid any preferred orientation, the sample is continu-
472ously rotated at 15 cpm. For details of the experiments see the
473Experimental Methods section and the Supporting Information.
474From such studies it is apparent that the intensity ratio between
475the 200/110 reflection changes with increasing tensile strength
476of the tapes. The increase in the intensity ratio is indicative of
477the development of crystal plane orientation (CPO) along with
478chain orientation on deformation. Thus, no preferred planar
479orientation is observed in the solution-spun samples, while the
480chains are oriented along the draw direction.
481The high crystal plane orientation suggests high overlapping
482of the crystalline planes, thus leading to higher van der Waals
483interactions between the neighboring chains. This unique en-
484hancement in the van der Waals interactions between the
485neighboring chains in the solid state processed polyethylene is
486most likely to be a cause for high modulus in the polyethylene
487tapes compared to the solution-spun fiber where orientation is
488achieved only along the c-axis. In Figure 3, this is shown with
489examples of two different commercially available entangled
490polyethylenes—for practical uses hereafter called A and B. Grade
491A could be processed to a tensile modulus and strength of

Figure 3. Orientation of crystalline planes of polyethylene with increasing tensile modulus or corresponding draw ratio (Figure 2). Polyethylene chains
in the unconstrained state pack in the orthorhombic unit cell. The crystalline planes are randomly oriented in the nascent powders of the entangled and
disentangled polymers. For the isotropic distribution of the crystallites the intensity ratio between the 200/110 reflection is 0.3, whereas the intensity
ratio increases with uniaxial deformation. For the same draw ratio of nearly 180 times crystal plane orientation (CPO) is significantly higher in the
disentangled sample (exceeding 7.0) compared to the solution-spun fibers having crystal plane orientation of 0.3.
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492 respectively 110 and 1.9 GPa. These mechanical properties are
493 lower than that of tapes processed from disentangled polyethy-
494 lenes; viz. tensile modulus and strength of 165 and 3.8 GPa,
495 respectively. The crystalline order along the c-axis is similar to
496 that of tapes processed from disentangled polyethylene but
497 remarkably higher than that of solution-spun filaments as shown
498 in the table in Figure 3. The observed planar orientation is signi-
499 ficantly lower than that of the disentangled polyethylene tape
500 sample, and here it should be noted that this is in correspondence
501 to the lower mechanical properties. Grade B could be processed
502 to a tensile modulus and strength of 165 and 2.2 GPa, respec-
503 tively. The tensile modulus is similar to that of the disentangled
504 polyethylene and interestingly is encompassed with an almost
505 identical intensity ratio for the 200/110 reflections.
506 However, the tensile strength for the tape processed from
507 grade B is not on the same level as that of the tape processed

508from disentangled polyethylene or the commercially available
509solution-spun polyethylene fibers. The cause of this difference in
510tensile strength can be associated with the morphological aspects
511and orientation of the amorphous region that cannot be easily
512investigated by X-ray diffraction. For the purpose we performed
513solid-state NMR studies.
514In semicrystalline polymers, both crystalline and amorphous
515components have a strong influence on the mechanical proper-
516ties. For an example, because of the length of polymer chain, a
517chain residing within a crystal may traverse to the other passing
518through the amorphous region. The content of amorphous com-
519ponents and the extent to which the amorphous chain segments
520are tight or loose are critical for the mechanical properties. To
521probe the amorphous components and further correlate them to
522the mechanical properties, solid-state NMR studies have been
523performed on several UHMWPEs at different draw ratios.

Figure 4. Changes in the amorphous state of entangled and disentangled UHMWPE with increasing draw (or stretching) ratio recorded at 50 �C.
(a) 13CCP/MAS spectra of UHMWPE tapes drawn at different draw ratios. For clarity of the weak amorphous peak spectra have beenmagnified for four
times. From the figure it is apparent that in the disentangled sample amorphous peak decreases whereas the peak sharpen and becomes more evident in
the entangled sample. (b) Plot of increase in crystallinity, as measured by NMR spectra from (a), with draw ratio. Differences in the crystallinity with
draw ratio. (c) 13C SP/MAS spectra recorded at different draw ratios. The single pulse (SP) spectra are acquired after a short delay time of 3 s, where
changes in the amorphous chain segments are followed by suppressing relaxation arising due to the crystalline chain segments having relatively very long
relaxation time.
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524 Figure 4F4 a shows 13C NMR spectra of the disentangled and the
525 entangled UHMWPEs acquired by using 1H f 13C cross-
526 polarization combined with magic angle spinning (CP/MAS).
527 To recall, in such a spectrum, the sharp peak observed at ∼33
528 ppm is assigned to all-trans conformations in the orthorhombic
529 crystals, while the signal at ∼31 ppm can be assigned to the
530 gauche conformations present in amorphous regions. From the
531 magnified spectra in Figure 4a, it is clear that the amorphous
532 peaks of the disentangled and entangled samples develop differ-
533 ently with increasing draw ratio. For the entangled sample, with
534 increasing the draw ratio the amorphous peaks do not show a
535 remarkable decrease in the intensity but rather demonstrate a
536 clear narrowing of the peak width, indicating the high mobility of
537 the segments developing during the deformation, a point that will
538 be discussed later. For the disentangle samples, however, the
539 amorphous peaks gradually disappear with the increasing draw
540 ratio. At high draw ratios (e.g., draw ratio = 181), the amorphous
541 peak nearly disappears. The disappearance of the amorphous
542 peak indicates significant conformer transformations from
543 gauche to the all-trans occurring during the drawing process,
544 which in turn results in the increase in the sample crystallinity.
545 Figure 4b depicts the variation of the sample crystallinity with
546 increasing draw ratio, where the crystallinity of the disentangled
547 samples increases from ∼75% to ∼95% during deformation of
548 the compressed powder to the maximum draw ratio of 181. For
549 the entangled samples the crystallinity keeps almost unchanged
550 in the wide draw ratio range from 0 to 119. At the maximum draw
551 ratio of 198, crystallinity of the sample slightly increases to∼84%
552 that is still far below the crystallinity of the disentangled sample at
553 the same range of draw ratio.
554 In the spectra shown in Figure 4a accompanied by the dis-
555 appearance of the amorphous signal, a small peak at ∼34.2
556 ppm increases gradually. In the literature,37 this peak has been
557 attributed to all-trans conformations in themonoclinic phase that
558 arises due to shearing of the orthorhombic crystals during solid-
559 state deformation. The increase in intensity of the monoclinic
560 peak, where chain segments are also in the all-trans conforma-
561 tion, indicates increase in the amount of sheared crystals on solid-
562 state deformation.
563 The extent to which the amorphous chain segments are tight
564 or loose in the PE samples is probed by monitoring the position
565 and width of the amorphous signal in the 13C spectrum. The
566 position and width of the amorphous signal depend on the con-
567 formational statistics and the accessibility of the conformational
568 space to dynamic processes present in the amorphous regions
569 and thus can be indicative of the tightness of the chain segments.
570 Figure 4c shows the single pulse (SP) excitation spectra of the
571 drawn disentangled and entangled samples under magic angle
572 spinning (SP/MAS) acquired by using a short recycle delay time
573 of 3 s. In these spectra, the crystalline signal is considerably
574 suppressed because of the very long relaxation time of the 13C
575 spins in the crystalline regions (usually more than 1000 s). The
576 crystalline signal in the spectra arises mainly due to the exchange
577 process of the chain segments from amorphous to crystalline
578 region in the semicrystalline polymer. The mechanism has been
579 explained in detail elsewhere.27 Adjacent to the crystalline peak,
580 the broad amorphous peak in the spectra of the nascent powder
581 (∼31.2 and 1.68 ppm peak width) is different from the amor-
582 phous signal of melt crystallized PE27 (∼30.5 and 0.58 ppm
583 peak width), reflecting restriction in mobility in the nascent
584 disentangled sample to adopt different conformations. With
585 increasing draw ratio the amorphous peak broadens further, that

586is indicative of the restriction in chain conformation imposed by
587stretching of chains during solid-state deformation. On combin-
588ing the CP/MAS and the SP/MAS spectrum, it can be concluded
589that with increasing draw ratio, in the solid state, the amorphous
590component in the nascent disentangled polyethylene tend to
591decrease and adopts more restricted mobility.
592Figure 5 F5compares the NMR spectrum recorded under same
593conditions in the maximum solid-state deformed entangled, dis-
594entangled, and solution-spun UHMWPE. In the CP/MAS spec-
595trum the solid-state deformed entangled UHMWPE shows the
596presence of mobile amorphous component (∼30.5 ppm with a
597peak width of ∼1.0 ppm). For the entangled sample SP/MAS
598shows comparatively low intensity peak at ∼33.0 ppm. This
599suggests considerable restriction in translation of chain segments
600from amorphous to crystalline region. The restriction in the
601translation may be attributed to the entropic barrier that arises
602due to considerable conformational differences in the mobile
603amorphous and the rigid crystalline components, an observation
604reported earlier on UHMWPE.27 In the disentangled UHMWPE,
605due to decreasing conformational differences between the amor-
606phous and the crystalline regions, with increasing draw ratio the
607entropic barrier at high deformation lowers thus peak intensity at
608the orthorhombic position is more intense. The SP/MAS NMR
609spectrum of the disentangled solid-state drawn tape shows more
610similarity with the solution-spun fibers than with the entangled
611solid-state drawn tapes. However, unlike the disentangled solid-
612state drawn sample the solution-spun sample shows the presence
613of some mobile component (having gauche conformers) to-
614gether with the restricted amorphous component.
615A comparison of CP/MAS spectra (Figure 5) of the three fully
616drawn samples shows prominent presence of mobile amorphous
617component only in the entangled sample. Some traces of the
618mobile component are also present in the solution-spun sample.
619However, even at high magnification, no presence of mobile
620amorphous component is found in the disentangled sample. On

Figure 5. NMR spectra recorded for the three fully drawn samples
of UHMWPE, via solid-state solvent free processing routes and
solution-spinning. The spectra for SP/MAS is recorded after 3 s delay
time at 50 �C. From the figures it is evident that the fully drawn
disentangled sample contains minimum amount of the mobile amor-
phous component.
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621 summarizing the CP/MAS and SP/MAS spectra, it could be
622 stated that the mobility of the amorphous component in the
623 solution-spun sample is closer to the solid-state drawn disen-
624 tangled sample. This observation can be linked to the difference
625 in the tensile strengths of the three samples, which is highest for
626 the solid-state drawn disentangled UHMWPE and lowest for the
627 entangled UHMWPE.
628 The ease in uniaxial deformation of the disentangled nascent
629 sample due to wide processing window (more than 15 �C
630 compared to 2/3 �C of the entangled sample) in the solid state
631 provides a unique opportunity to explore the possibility of biaxial
632 stretching. In general, low molar mass polyethylene films are
633 produced by blow molding. However, due to poor tensile
634 strength, the application of such films is limited to commodity
635 applications. In order to fulfill some of the requirements for more
636 demanding applications such as membranes, waterproof breath-
637 able articles, (di)electric properties, coating for elastomers, etc.,
638 the high abrasion resistance combined with outstandingmodulus
639 and tensile strength of the UHMWPE films are desired. Similar
640 to the challenges that one encounters in processing of the uni-
641 axial films, at present the commercially available biaxial porous
642 films of UHMWPE are produced using more than 95 wt % of the
643 solvent. The method applied for the porous film production
644 makes use of solution spinning route for fibers where instead of
645 spinneret a slit die is used for making of tapes. Following the
646 controlled evaporation of the solvent the gel-spun tapes are
647 converted into porous films for membrane applications.
648 The disentangled polyethylene provides an unprecedented
649 opportunity to process the intractable polymer in biaxial direc-
650 tion in the solid state. Following the route described in a patent
651 application,38 biaxially stretched nonporous films of nearly 8 μm
652 thickness having isotropic tensile strength approaching 0.7 GPa
653 could be obtained for the first time (see Figure 6F6 ). The biaxial
654 drawn film when viewed between cross-polars show continuous

655variation in color from blue to red along the azimuthal angle. The
656variation in color is indicative of the addition and subtraction of
657the wavelength in the polarized light with the retardation
658thickness of the film, following the first order in the Michelle�
659Levy chart. The continuous variation in color arises due to
660isotropic distribution of the stretched chains having average
661molar mass of 8 million g/mol and polydisperisty of nearly 3.0.
662Estimated isotropic tensile strength of the film is 0.7 GPa. Biaxial
663stretching, in the solid state, is the unique property of the
664disentangled UHMWPE and cannot be obtained, without using
665solvent, in the entangled polymer. Further details on biaxial
666drawn films will be provided in a separate publication.
667The controlled synthesis reported in this publication also
668provides a possibility to add nanofillers during polymerization
669such as hydroxylapatite, carbon nanotubes, etc., that could be also
670compressed and drawn uniaxially as well as biaxially. Such
671composites provide possibility to make high-modulus, high-
672strength membranes or tapes that could be used for biocompa-
673tible applications in the case of hydroxylapatite or thermal
674exchange process in the uniaxial or isotropic direction in the
675case of carbon nanotubes.39

676’CONCLUSIONS

677From the studies reported in this Communication the follow-
678ing conclusions can be drawn:
679(a) With the help of solid-state NMR, following the chain
680diffusion process between the amorphous and the crystal-
681line regions, distinction between the topological con-
682straints of the samples synthesized using conventional
683Z�N catalyst and the single-site catalytic system could
684be made.
685(b) Compared to the entangled polyethylene, that can be
686drawn within a narrow temperature window of 2�3 �C,

Figure 6. Biaxial stretching of the compressed disentangled UHMWPE. (a) Filled disentangled UHMWPE powder in mold, prior to compression at
120 �C. The compacted film obtained after compression is shown in the mold in (b). After rolling process at 120 �C, the 225 μm thick compressed film is
mounted on a biaxial stretching machine (c). The sample is stretched biaxially at 130 �C.Maximum draw ratio achieved by one shot stretching process is
10 � 10 times where the sample thickness reduces from 225 μm to nearly 8 μm (d).
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687 the disentangled polyethylene can be drawn in a broad
688 temperature window of 20 �C below the equilibrium
689 melting temperature, thus making it easier to process.
690 (c) The deformation of the disentangled polyethylene, below
691 the melting temperature, shows continuous increase in
692 crystallinity compared to the entangled polyethylene
693 where the crystallinity drops at the lower draw ratios
694 and attains relatively low values. The cause of lower
695 crystallinity in the entangled polyethylene is the partial
696 melting process that arises during deformation near the
697 melting point.
698 (d) The tensile modulus of the solid-state drawn tapes
699 (>165 GPa for disentangled and ∼140 GPa for en-
700 tangled) is higher than that of the solution-spun fibers
701 (maximum 130 GPa) because of the higher crystal plane
702 orientation that could be achieved in the solid-state
703 processed polymers, though crystallinity of the solution-
704 spun fiber is comparable with the disentangled solid-state
705 processed tapes.
706 (e) The higher tensile strength (>3.8 GPa) in the disen-
707 tangled polyethylene compared to the entangled one
708 (∼2.3 GPa) is attributed to the narrower molar mass
709 distribution of the disentangled polyethylene and the
710 higher segmental mobility present in the amorphous
711 region.
712 (f) Unlike the entangled polyethylene that could not be
713 drawn biaxially without using a solvent, the disentangled
714 polymer could be drawn in its solid state, free of solvent.
715 The salient finding in the reported study is that in the
716 semicrystalline polymer uniaxial and biaxial deformation are
717 strongly dependent on the topological constraints residing
718 in the amorphous region. Thus, it is essential to control the
719 topological constraints either via controlled synthesis or dis
720 solution process. To our knowledge the above summarized
721 results and the properties on the disentangled polyethylene,
722 obtained via controlled synthesis, are unprecedented and
723 have the potential to open a new fundamental understanding
724 to bridge polymer morphology with the resultant mechanical
725 properties.
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